In recent decades, nanoindentation has emerged as a useful experimental technique for characterising the in situ properties of fibrous composite constituents. However, the elastic theory used by the nanoindentation technique assumes that the substrate is a stress-free single-phase homogeneous continuum. Therefore, the application of nanoindentation theory to inhomogeneous composite materials composed of discrete regions with distinct material properties has proven to be problematic in certain scenarios. In this paper, a review of the key developments and pertinent issues reported by authors in relation to the nanoindentation of polymer matrix composites is presented. The effects of sample preparation, neighbouring constituents, residual stress, pile-up, time-dependent deformation and hydrostatic stress on the important nanoindentation parameters and properties are highlighted. The review also details the use of numerical simulations to gain greater insight into the stress and deformation fields produced during the nanoindentation of FRP microstructures, and includes recommendations regarding the standardisation of nanoindentation protocols for composite and polymeric materials.
Introduction
The use of composite materials in structural applications has increased significantly in recent decades due to their higher specific stiffness and strength, compared to metallic materials. Fibrereinforced plastics (FRP) are the most common type of composite material, and are used extensively in the automotive, marine and aerospace applications. The increasing demand for composite materials has been mirrored by an increase in demand for predictive analysis tools that are required to gain a greater understanding of their behaviour under various types of loading. Thus, determining accurate reliable failure criteria for fibre-reinforced composite materials is currently a very active research area. Much of the analysis of the composite structures relies on design practices and strength predictions which are based on ply-level analysis and macroscale testing. Macroscopic stress and strain criteria are often used to predict the response of composite materials to various loading scenarios, as opposed to criteria based on the actual physical mechanisms of failure. As a result, a significant amount of research has been carried out in order to gain a greater understanding of the link between the damage at the composite microscale and that experienced by the larger composite structure. Micromechanical finite element models of composite microstructures have been successfully used to predict the macroscopic stress-strain behaviour of composite materials, and could potentially prove to be a useful tool in future composite structural design, by limiting the amount of costly coupon and structural testing required to analyse composite structural elements. However, in order to ensure the accurate simulation of microscale deformation and damage, quantitatively accurate properties of the in situ constituents and interfaces must be determined. In recent years, the field of micromechanical testing has grown as researchers strive to quantify unknown microscale properties. Nanoindentation is a non-destructive testing technique that can be used to determine the properties of materials at the micro and nano scales. These directly measured in situ properties can then be used to establish the effect of the composite manufacturing process on the material quality, as well as allowing direct comparison between different polymer matrix blends and fibre treatments. The technique can also be used to provide, experimentally verified, input properties to micromechanical simulations of the composite deformation and failure process, providing a critical link between the microscale properties and the properties of large composite structural elements, as illustrated in Fig. 1 . This review outlines the importance of this testing technique to the broader understanding of the FRP microscale interactions and highlights the work carried out and the issues reported by numerous authors relating to the application of the nanoindentation technique to these materials.
Fibrous composite micromechanics
While the failure behaviour of most structural materials is largely controlled by a single failure mechanism, the macroscopic deformation and failure behaviour of FRP materials is controlled by a number of local micromechanisms, whose initiation and propagation are dependent on the constituent materials properties, the local fibre distribution, and the direction of the applied load relative to the fibre direction, as illustrated in Fig. 2 . Parallel to the fibres, the tensile failure is dominated by the strength of the fibre material, while under compressive loading failure occurs due to fibre buckling due to slight off-axis orientations of the unidirectional reinforcement. Failure due to transverse and shear loading is largely controlled by the matrix and interface properties, with failure occurring due to matrix plasticity and cracking accompanied by fibre-matrix debonding. It is clear that the large number of failure micromechanisms complicates failure predictions for composite structures. As more accurate strength predictions are required, the field of micromechanics has grown in order to gain a greater insight into the microscale damage process, and relate the observed processes to the macroscopic stress-strain response. Recent advances in experimental analysis techniques have allowed for unparalleled observation of composite micromechanical deformation and damage, where modern experimental equipment such as in situ microtest machines allow tensile [1] , compression [2] and bending [3] tests to be carried out in the chamber of a Scanning Electron Microscope (SEM). These tests provide a useful qualitative understanding of the microscale composite failure process. However, quantitative insight into the effects of local fibre distribution, constituent properties and interface strength through experimentation has proven difficult. Micromechanical finite element models provide a more quantitative insight into the material's micromechanical behaviour based on the properties of the individual composite constituents. A number of advanced micromechanics damage models have been developed by Llorca, González and coworkers [2, [4] [5] [6] [7] , who carried out numerous studies characterising the behaviour of fibre reinforced composites when subjected to transverse tensile loading [6] , transverse compressive loading [2, 5] and transverse shear loading [6, 8] . Vaughan and McCarthy examined the micromechanical behaviour and effect of thermal residual stress on a carbon-fibre composite subjected to transverse tension [9] and shear [10] loadings, using a periodic representative volume element approach. The response of the micromechanical models to transverse and shear loadings are shown in Fig. 3a and b, respectively. While micromechanical modelling provides a quantitative insight into microscale failure process of composite materials, the vast majority of models assume that the properties of the constituents are the same as the properties of the materials in their bulk form, which may not be the case following the intensive thermal, mechanical and chemical composite manufacturing process.
Nanoindentation
Nanoindentation has emerged as a useful technique to determine the in situ constituent properties of composite materials.
Recent technological improvements to the transducer sensitivity of indentation devices have allowed for the continuous monitoring of the load and displacement throughout the indentation cycle. Indentations at the micron scale were first carried out by Fröhlich et al. [11] and shortly thereafter became commonly used as a technique for determining the surface properties of materials. The foursided pyramidal Vickers tip, shown in Fig. 4a , is the most commonly used indenter geometry for traditional hardness testing at the macro and micro-scales. However, for nanoscale measurements, the three-sided pyramid shape of the Berkovich indenter (Fig. 4a) is preferred. This tip shape was invented by Russian scientist E.S. Berkovich in the USSR [12] and has the same area-to-depth ratio as the Vickers tip. The three-sided pyramidal shape of the tip means that it is more easily manufactured at small scales due to lack of a 'chisel' edge defect at the indenter tip. A typical loaddisplacement curve from a nanoindentation test in shown in Fig. 4b . The theoretical treatment of this load-displacement data has been the topic of extensive research, with the most commonly used method being that developed by Oliver and Pharr in (1992) . Indentations carried out by pyramidal indenter tips are conveniently analysed using the theory for an equivalent conical geometry, but are much easier to manufacture, and less prone to wear than real conical tips. Hardness (H) is defined as the load on the indenter tip (P) divided by the projected contact area (A):
According to the methods derived by Sneddon [13] and Oliver and Pharr [14] , the unloading curves from nanoindentation tests should be accurately fit using the power law relation in Eq. (2):
where B, h p and m are best fit constants. The constant h p represents the depth of the residual plastic impression left after the indenter has been withdrawn, while the exponent m is equal to 1 for elastic indentations with a flat punch indenter, and 2 for a conical indenter. In practice, the value of the exponent m generally lies between these two values due to the effects of plasticity [15] . The contact stiffness is obtained by evaluating the slope of curve fit at the onset of unloading. It was shown previously by Pharr et al. [16] that the relationship between the contact stiffness (S), the reduced modulus (E r ) and the contact area (A) is not dependent on the geometry of the indenter. This relation is given in Eq. (3).
where c is a correction factor proposed by Hay et al. [17] , who discovered that the application of Sneddon's elastic solution to conical indentations lead to a slight error, as it improperly accounted for radial material displacement into the contact region for conical indentations. For a conical indenter it was shown that c is dependent on the sample Poisson's ratio (m s ) and the half-angle of the conical indenter (a) according to Eq. (4):
The correct value of c is a subject of debate in the current literature and, thus, assumed to be equal to unity in current nanoindentation testing protocols [18] . However, it has been shown that the correction factor is required when analysing the loaddisplacement response extracted from finite element simulations if the returned indentation modulus is to agree with the value for modulus assigned to the substrate, as demonstrated by Xu and Li [19] . The contact area (A) is deduced using the Oliver and Pharr method by using the area function for the indenter tip geometry used expressed as a function of the contact depth (h c ).
where the constants C n are used to account for any deviation of the tip geometry from that of the ideal geometry. Using this technique, the contact depth is estimated based on Sneddon's expression for the shape of the surface outside of the area of contact for an elastic indentation by a paraboloid of revolution [13] . It is assumed that the depth of material in contact with the indenter tip is less than the maximum indentation depth according to Eq. (6) .
where h max and P max are the maximum displacement and load, respectively, and e is equal to 0.75 for a paraboloid of revolution [20] . The specimen modulus (E) can be related to the reduced modulus (E r ) using Eq. (7), provided the indenter modulus E i is known and the Poisson's ratios of the specimen and indenter, m s and m i respectively, are known or can be estimated.
Continuous stiffness measurement (CSM)
As an alternative to analysing the unloading curve, Asif et al. [21] showed that the contact stiffness can be determined using the Continuous Stiffness Measurement (CSM) technique. A load is applied to the indenter tip as normal, while simultaneously an oscillating force with an amplitude several orders of magnitude smaller than the indentation load is superimposed on to the primary load, as illustrated in Fig. 4b . This method provides an accurate determination of the point of initial contact, while also allowing for continuous measurement of the contact stiffness (S) as a function of indentation depth. This makes the technique a powerful tool when analysing the in situ properties of composite materials, where depth dependent effects can add erroneous bias or scatter to the unloading contact stiffness. The oscillating sinusoidal force signal is applied to the loading with an angular frequency x and an amplitude of F 0 according to Eq. (8):
The corresponding displacement oscillation is then monitored using a lock-in amplifier, and lags behind the force signal by a phase angle d according to Eq. (9):
An analysis of the dynamic system (shown in Fig. 4c ) allows the contact stiffness to be calculated using Eq. (10): 
where K s is the support spring stiffness and K f is the load frame stiffness of the instrument. This continuously measured stiffness can then be used to calculate the material properties as a function of the indentation depth. The use of the dynamic CSM technique to measure the complex storage and loss moduli of viscoelastic materials has also been proposed by Odegard et al. [22] , where the storage (E 0 ) and loss (E 00 ) moduli of polymer materials can be calculated using Eqs. (11) and (12), respectively.
where x is the frequency of the dynamic nanoindentation and D s is the damping of the contact with the sample, as illustrated in Fig. 4c .
Continuum modelling of nanoindentation
In recent years, the analytical models used to establish nanoindentation theory have been complimented by numerical simulation of the technique applied to various substrate materials. The most popular computational modelling method used is the finite element method. Though closed-form solutions may be used to define the relationship between the indenter load and displacement for elastic indentations, plasticity occurs during the vast majority of indentations and is difficult to analyse analytically. Many authors have turned to finite element methods to accurately simulate this complex elastic-plastic behaviour. The first ever comparison between load-displacement data simulated from Finite Element Analysis (FEA) and experimental loaddisplacement data was carried out by Bhattacharya and Nix [23] , who represented the indentation problem using a simplified axisymmetric model where the indenter was modelled as a rigid cone with the same project area to depth ratio as the pyramidal indenter used in experiments. The vast majority of simulations continue to employ this simplifying assumption [24] [25] [26] [27] [28] . The mesh and boundary conditions from a model used by Panich and Sun [24] are shown in Fig. 5a , who analysed the nanoindentation response of soft coatings on hard substrates using this simplified 2D approach. Marteau et al. [29] showed that this conical representation produces the same load-displacement response as the pyramidal Berkovich indenter, even though the stress fields differ. While this 2D assumption is often used due to its computational efficiency, its impact must be questioned for pyramidal indentations. Lichinchi et al. [30] and Ruan et al. [31] showed that the load-displacement data from 2D conical and 3D Berkovich indentations are almost identical for indentations carried out on TiN films and steel, respectively. However, Warren and Guo [32] noted noticeable differences between the stress fields and the shape of the indentation impression produced by each model, hinting that the conical and pyramidal geometries may not be interchangeable for every scenario. In such cases, three-dimensional analyses have been carried out where the actual geometry of the pyramidal indenter has been fully taken into account. An example of a three-dimensional model created by Larsson et al. [33] is shown in Fig. 5b . Tho et al. [34] used a similar approach to study the indentation size effect on copper and aluminium using a full 3D model and noted that the load-displacement data extracted from the models was in good agreement with experimental data. The insight that finite element models give into the mechanics of the nanoindentation test can also be used to determine the validity of the assumptions used in nanoindentation theory. Mata and Alcalá [35] examined the influence of friction on sharp indentations carried out on strain hardening solids. It was concluded that the effects of friction on the indentation properties were dependent on whether pile-up or sink-in occurred during the indentation and the material's strain-hardening behaviour. Rodríguez et al. [36] and Pelletier et al. [37] used numerical indentation methods to estimate the effect of material pile-up on the indentation of an aluminium matrix composite constituent and glassy polymers, respectively. Rather than estimate the projected contact area using the Oliver and Pharr method, the contact area was calculated by identifying the last point of contact at maximum load in the 2D axisymmetric finite element mesh. This allowed the authors to apply an area correction to all their experimental indentation test data, leading to more accurate determination of the indentation properties. Continuum simulations such as these provide the framework to numerically analyse various issues associated with the nanoindentation of inhomogeneous, 3D fibrous composite microstructures. 
Fibre constraint effects
Nanoindentation theory assumes that the substrate material is a homogeneous continuum. Inaccurate constituent characterisation can occur when neighbouring phases in the vicinity of the indentation site influence the indentation mechanics. This is especially apparent when attempting to determine the properties of thin film superstrates. A general rule of thumb is to ensure that the indentation depth is no more than 10% of the thickness of the thin layer [14] . A similar stress transfer between constituents is also possible for fibrous composites. Gregory and Spearing [25] carried out a 2D finite element analysis to determine the minimum size of the resin pocket necessary to produce results that were free from the influence of the surrounding fibres. The matrix material was defined as an elastic-perfectly plastic material using classical von Mises plasticity. It was concluded that the diameter of the resin pocket should be at least 50 times the maximum indentation depth, meaning a large amount of the reported experimental data was not suitable for valid matrix property characterisation. Lee et al. [38] carried out a 3D elastic finite element analysis of flat punch indentations carried out across a fibre-matrix interface. The models showed a region where the contact stiffness varied between the bulk fibre and matrix properties and, interestingly, the size of this gradient region was similar to that determined from experiments. Thus, it was concluded that the results for indentation modulus in these region are affected by the mechanical constraint of the surrounding fibres and also any true change in material properties. VanLandingham et al. [39] noted a large increase in the contact stiffness from AFM indentations measured within 200 nm of a carbon-fibre epoxy composite interface, and noted that this was likely due to the effect of fibre constraint. It was concluded that the properties measured within 200 nm of the fibre were invalid. Downing et al. [40] measured a gradient in the elastic modulus across the interface of a glass fibrereinforced epoxy material using nanoindentation experiments. However, once the fibre had been removed by etching, the gradient reversed itself, indicating that characterisation of this region was not possible due to fibre bias in this case. The effect of fibre constraint on indentation carried out at the centre of circular matrix pockets was characterised by Hardiman et al. [41] using a 3D finite element model which incorporated pressure sensitive plasticity to model the yield behaviour of the epoxy matrix. The models provided an insight into the sub-surface stress transfer, as shown in Fig. 6 , and showed that the fibre constraint was prevalent when the radius of the pocket was less than approximately 20 times greater than the maximum indentation depth. Hu et al. [42] investigated the fibre constraint effect on shallow indentations carried out close to the fibre-matrix interface using nanoindentation experiments and modelling and showed that the property transition thickness induced by the effect varied from 1 to 2 mm depending on the indentation depth. These studies highlight the significant effect of fibre constraint on the nanoindentation results of fibrous composite microstructures, especially in regions close to the fibre matrix interface. It is clear that the depth and location of indentations relative to surrounding constituent interfaces are important parameters, and should be reported in detail in quantitative nanoindentation studies of composite material constituents.
Thermal residual stress
In order to consolidate their final shape and cure the polymer matrix material, composite parts are cured in a vacuum assisted, high temperature and pressure autoclave process and then cooled to room temperature. At the macroscale, thermal contraction can cause the shape and dimension of a composite panel to be different to those of the uncured panel and tool, leading to significant warpage in curved parts [43] . At the microscale, it has been shown that significant residual stresses develop as a result of the mismatch in thermal expansion coefficients of the fibre and matrix phases, where the nature and magnitude of the stress is dependent on the fibre volume fraction and inter-fibre spacing. The microscale stress state following thermal cooldown from models developed Maligno et al. [44] and Yang et al. [45] are shown in Fig. 7a and b, respectively. The magnitude of the residual stress is often large enough to play a significant role in the micromechanical failure process under transverse loadings [45] . Vaughan et al. [9] showed that the transverse strength of the HTA/6376 composite was increased by the existence of large compressive residual stress at the fibre-matrix interface. Conversely, it has also been shown by Maligno et al. [44] and Gentz et al. [46] using numerical studies and experiments, respectively, that thermal residual stress is sometimes large enough to cause matrix and interface damage prior to any mechanical loading, detrimentally affecting the transverse strength of the ply. The presence of a residual stress state in a nanoindentation substrate has been shown to affect the pile-up and sink-in behaviour (described in Section 7.2) of the indentation. Bolshakov et al. [47] showed that tensile residual stress leads to excessive sink-in behaviour and compressive residual stress causes material pile-up, affecting the calculation of nanoindentation properties. Experimental indentations carried out on pre-stressed substrates have been investigated by Khan et al. [48] for aluminium alloys, Breuils et al. [49] for steel, Huang et al. [50] for SiN thin films, and Bai et al. [51] for thin hard carbon nitride films. The experiments show that tensile residual stress leads to a reduction of the indentation modulus and hardness, while compressive residual stress leads to an increase in the apparent properties for the same materials. Finite element models of the indentation process can also be conveniently used to investigate the effects of residual stress. Numerical studies have been carried out to determine the effect of residual stress on the indentation properties of Nickel films by Ling et al. [52] , and general elastic-plastic strainhardening materials by Xu and Li [53] , with similar trends in resulting properties reported. Wei and Yang [54] determined the effect of thermal residual stress on the characterisation of diamond-like carbon films using a two-step finite element analysis that simulated the pre-stress induced by a thermal process followed by nanoindentation. It was found that the residual stress state in the film was dependent on the substrate material and surface roughness where compressive residual stress increased the hardness and modulus, and tensile residual stresses lead to a reduction in the properties. Using a similar two-step approach, Hardiman et al. [55] examined the effect of microscale thermal residual stress on the nanoindentation properties of a carbon fibre epoxy composite and found that the hardness of the matrix and interphase regions decreased for the majority of experimentally viable microstructural regions, while the modulus was relatively insensitive to stress state. However, the effect of residual stress on the nanoindentation results of high temperature thermoplastic and metal matrix composites (MMCs) has yet to be investigated, where the effects could be greater due to the higher magnitude of residual stress expected in these materials. Furthermore, the nanoindentation technique has been also successfully used by a number of authors to quantify equibiaxial stress states in thin copper foils by Dean et al. [56] , tungsten thin films by Qasmi et al. [57] and aerospace aluminium alloys by Khan et al. [58] . Thus, experimental nanoindentation methods could be developed to quantify residual stress in the various regions of polymer matrix composite microstructures, through comparison of indentation data from post-cure and annealed specimens, serving as a useful input to future micromechanical studies on the potential benefits and drawbacks of microscale residual stress.
Nanoindentation of polymers

Elastic characterisation
Polymers are the most commonly used matrix material in fibre reinforced composites due to their light weight and high energy absorption characteristics, combined with their good adhesion and resistance to corrosive environments. In the literature, the nanoindentation theory developed by Sneddon [13] and Oliver and Pharr [14] has been applied to experiments carried out on polymeric materials by a number of authors [59] [60] [61] [62] . However, quantitative characterisation of the elastic modulus of polymeric materials has proven to be a challenge using these methods. It was shown by Deuschle [63] that for soft polymers, difficulties can arise in regards to determining the point of initial contact due to the material's compliance. Even for harder glassy polymers, doubts have arisen over whether the nanoindentation theory, with its roots an elastic contact mechanics, can be used to correctly analyse resulting load-displacement curves. One of the predominant issues arising from the nanoindentation of polymers has been the large difference between elastic moduli determined from nanoindentation testing and those determined from the more conventional macroscopic tension and compression tests, as highlighted by Kranenburg et al. [64] . For polymers, the reported values of indentation modulus tend to be consistently larger than those determined from conventional testing. Modulus increases have been reported in the order of 70% for polystyrene (PS) and 64% for polycarbonate (PC) by Tranchida et al. [60] , while a 67% increase has been reported for poly(methyl methacrylate) (PMMA) by Lu et al. [65] , while VanLandingham et al. [61] reported an increase of 20% for poly(benzocyclobutene). The elastic moduli obtained by nanoindentation (E N ) have been plotted against their respective macroscopic moduli (E N ) for a selection of polymers in Fig. 8a . More recently, De Silva et al. [66] carried out both tensile and nanoindentation testing on Poly(lactic acid)/natural halloysite nanotubes films in order to determine the effect of nanotube concentration on strength and stiffness. While the relative changes in modulus with nanotube concentration were similar for both tests, the authors noted that the indentation moduli were many times larger those determined from the tensile testing. Similarly, King et al. [67] analysed the effect of adding graphene nanoplatelets to bulk epoxy through the use of conventional macroscopic testing and nanoindentation. The indentation moduli were 33% greater than the tensile moduli, while the relative trends of modulus increase with increase in nanoplatelet concentration remained the same for both techniques. These recent studies show that the nanoindentation technique can be successfully applied to comparative studies between polymeric materials, while also highlighting distinct limitations in the ability of the theory to quantitatively determine the true elastic modulus of these materials.
Due to the apparent limitations of elastic nanoindentation theory when applied to polymers, a number of authors have turned to analysing polymer material data using viscoelastic models. Fischer-Cripps [68] proposed a simple phenomenological approach to characterising the creep response of a viscoelastic material using the hold period load-displacement data and conventional linear spring and dashpot models. However, such models are based on the assumption of linear viscoelasticity which is not maintained when using sharp conical or pyramidal indenters, due to the high strains induced almost instantaneously following initial contact. Sharp indentation geometries are required for nanoindentation studies on composite constituents due to the high resolution of measurement required to mitigate the influence of neighbouring constituent phases on the measurement. Dynamic indentation techniques, as described in Section 3.1, can be used to characterise the storage and loss moduli of polymer materials as proposed by Odegard et al. [22] , who found good agreement between the moduli determined from nanoindentation and macroscopic dynamic mechanical analysis (DMA). However, the dynamic nanoindentation technique relies heavily on the Oliver and Pharr method of analysis and, as such, can lead to similar overestimations of the dynamic moduli of polymer materials. Frontini et al. [69] recently used the dynamic nanoindentation technique to characterise the Young's modulus, storage modulus and loss modulus of RTM6 epoxy resin at varying temperatures, where the elastic and storage moduli calculated from the dynamic indentation experiments were found to be 29% and 63% greater than the values determined using tensile testing and DMA spectroscopy, respectively. Despite this disparity, the relative changes of storage modulus with testing temperature were similar for both methods. The storage and loss moduli for a wide range of thermoplastic polymer materials, including glassy and semicrystalline polymers, were investigated by Giró-Paloma et al. [70] using dynamic nanoindentation. The values for storage modulus determined from indentation testing were compared to macroscopic values determined from DMA measurements and are plotted in Fig. 8b . The dynamic indentation moduli for all the materials investigated were found to be consistently larger than those determined from the macroscopic DMA. The discrepancy between the indentation and macroscopic storage moduli appears to suggest that the use of dynamic indentation techniques can be subject to a similar degree of error when attempting to quantitatively characterise polymeric materials as the traditional analysis of the unloading curve.
The apparent failing of the nanoindentation technique to correctly characterise elastic behaviour of polymeric materials has been evidenced through analysis of the non-linear curve fit which is applied to the unloading data according to Eq. (2). According to Sneddon's elastic theory [13] and the concept of an ''effective indenter" proposed by Pharr et al. [15] , the value of the curvefitting exponent (m) in Eq. (2) should fall somewhere between the value for elastic flat punch (m ¼ 1) and conical (m ¼ 2) indentations. However, a number of authors have noted that the application of the non-linear curve-fit to the unloading curves of polymeric materials often leads to poor curve-fits and values of the curve-fitting exponent which are greater than the upper limit of 2. VanLandingham et al. [61] carried out indentations on a benzocyclobutene (BCB) polymer and noted that the power law fits using both the commercial DSI system software and commercially available statistics software did not converge for any of the experimental data sets, but results were output based on the values of the fitting parameters for the final iteration. An example of a resulting curve-fit is shown in Fig. 9a where it can be seen that the fit is a very poor representation of the actual unloading data. The power law exponents from the curve fits were all greater than 2, ranging from 2.2 to 2.7. Beyaoui et al. [71] also noted a poor fit when Eq. (2) was fit to unloading data from indentations carried out on PC (Fig. 9b) and PMMA. The exponents from the curve fits were also found to fall outside the expected range with values of 3.7 and 2.2 reported for PMMA and PC, respectively. Interestingly, the authors noted that if the materials were loaded and unloaded a large number of times, the exponent from the fitting procedure was found to decrease rapidly and tend to values of 1.8 for PMMA and 1.5 for PC, i.e. within the expected range for elastic-plastic materials. The values of modulus however, were found to be insensitive to the number of unloading and reloading cycles. Improvements to the curve-fitting of epoxy unloading curves were noted by Hardiman et al. [72] when using long hold times and slow indentation strain rates. However, while the curve-fitting [60] , and Giró-Paloma et al. [70] ).
exponents were found to decrease using these experimental settings, they were all still found to be greater than 2, indicating that further research is still required in this area if conventional standardised nanoindentation analysis techniques are to be correctly applied to polymers.
In summary, at the very least, elastic modulus determination using nanoindentation data has been shown to be problematic for polymer materials. At worst, the Oliver and Pharr procedure, as well as any other procedure derived from elastic contact mechanics, is incorrect from a theoretical point of view and cannot be applied to the nanoindentation unloading curves obtained for polymeric materials (Tranchida et al., [60] ). The overestimation of the elastic modulus by indentation methods is often attributed to the effects of pile-up, viscoelasticity and hydrostatic stress, which will be addressed in the following subsections.
Pile-Up
According to Sneddon's elastic contact theory [13] , the surface of the specimen is drawn downward into the sample during elastic indentations. This is known as 'sink-in' behaviour and this assumption is used to infer the projected contact area from the loaddisplacement data and, subsequently, calculate hardness and modulus of the substrate material. In the vast majority of sharp indentations, plasticity will occur in the substrate. When plastic deformation occurs, the material may sink-in or pile-up around the indenter, as illustrated in Fig. 10a . If the material piles up, the contact area will be underestimated by the nanoindentation theory, leading to overestimation of the calculated properties. A finite element study carried out by Bolshakov and Pharr [73] showed that the contact areas can be underestimated by as much as 60% when pile-up occurs, and that the behaviour is dependent on the ratio of the reduced modulus to the yield stress, and the material's work-hardening behaviour. The effects of pile-up can be exacerbated for indentations carried out on inhomogeneous materials. Zhou et al. [74] showed that during the indentation of soft metal films on a hard substrate pile-up is significantly enhanced due to the constraints imposed by the substrate on the indentation's plastic deformation field. Similarly, Hardiman et al. [41] showed that indentations carried out into the matrix constituent of a fibrous composite can be subject to pile-up due to the constraints imposed on the sub-surface stress field by the surrounding fibres. However, independent of constraint effects, a number of authors have postulated that the overestimation of polymer indentation moduli could be due to the effects of material pile-up [62, 67] . Tranchida et al. [60] and Hardiman et al. [72] investigated the effect of pile-up on polymer indentations using scanning probe microscopy (SPM) at the nanoscale and microscale, respectively. While both studies showed clear evidence of surface pile-up in the measured surface topographies, shown in Fig. 10b and c, it was found that the measured pile-up was not large enough to fully explain the disparity between the indentation and macroscopic moduli. Furthermore, the large amount of elastic and viscoelastic recovery that occurs between the indentation and the scanning makes quantitative evaluation of the contact area difficult. Also, based on the ratio of the final residual depth to the maximum indentation depth, the authors expected the influence of pile-up to be modest based on the finite element work carried out by Bolshakov and Pharr [73] . Recent advances in in-situ indentation where nanoindentation is integrated with electron imagery have recently been demonstrated by Nili et al. [75] and Rabe et al. [76] , and could provide conclusive insight into the state of material pile-up at maximum indentation load, as well as the elastic and viscoelastic surface recovery deformation for polymeric materials.
Viscoelasticity
The overestimation of the elastic modulus, as well as the poor non-linear curve fits associated with polymeric materials have often been attributed to viscoelastic material behaviour [60, 61, 67, 71, 77, 78] . The most obvious evidence of the effect of this time-dependent behaviour occurs when viscoelastic creep dominates the initial unloading response of the load-displacement data. In this case, the initial decrease in the applied load does not lead to a decrease in the indenter displacement. This is often described as a 'nose' and leads to a negative initial unloading slope. This negative value for the contact stiffness makes the calculation of the sample elastic modulus impossible. An example of a ''nose" occurring during the nanoindentation unloading segment carried out by Briscoe et al. [79] is shown in Fig. 11 for an indentation carried out on PMMA. In order to reduce the effect of indentation creep on the unloading data of nanoindentation experiments, Hochstetter et al. [80] proposed the addition of a constant load hold segment between the loading and unloading segments. This method of minimising viscoelastic effects has been shown to remove the 'nose' from unloading data where it had existed in the absence of a hold time. The effect of a 10 s hold segment on the unloading data from Briscoe et al. [79] is also shown in Fig. 11 . This short hold segment has since become an intrinsic part of standard nanoindentation testing for all materials [81] , and some authors, such as Lagoudas et al. [77] , actually recommend determining an optimum hold time for each material to sufficiently diminishes the effect of timedependent deformation on the initial unloading data. In order the determine the effect of hold segment time on the indentation modulus predicted for polymers, Tranchida et al. [60] carried out experiments with holding segment times which varied from 1 to 100 s. However, only a 5% reduction in elastic modulus was reported for the longest hold time of 100 s. Jin et al. [82] compared the results for indentations carried out on PMMA with holding time segments ranging from 10 s to 1000 s. As the holding time was increased, the elastic modulus and hardness both drastically decreased, while keeping both the maximum load and loading rate constant. Beake and Leggett [83] also determined the effect of varying hold times on the hardness and elastic modulus of poly (ethylene terephthalate) films. Much smaller reductions in hardness (15%) and modulus (8%) were reported over a range of holding times varying between 10-600s. Hardiman et al. [72] noted that a hold time of approximately 1000 s was required to diminish viscoelastic creep at maximum load for 6376 epoxy, and noted a 10% reduction in modulus as a result of long holding periods.
Another method to minimize the effect of time-dependent deformation on the nanoindentation results is to vary the loading and unloading rates of the indentations. Tranchida et al. [60] carried out experiments with varying loading/unloading rates ranging between 1 and 100 mN/s for indentations carried out on amorphous polycarbonate (PC) and two semicrystalline isotactic polypropylene (iPP) samples. The elastic modulus was unaffected by changing loading rates and deviated more from the macroscopic test value as the rate increased. Beake and Leggett [83] also found that the modulus was relatively insensitive to changes in loading/ unloading rates between 0.01 and 1 mN/s, while hardness decreased slightly with increasing loading rate. Conversely, Jin et al. [82] reported that the indentation modulus of PMMA was sensitive to unloading rate across a range of 0-3 mN/s. The reported modulus decreased by 68% with increase in unloading rate, while the hardness remained constant. The authors concluded that a high unloading rate was required to obtain reasonable measurements free from the influence of viscous deformation.
Hydrostatic stress
It has been shown that the macroscopic stiffness and strength of polymeric materials is dependent on the hydrostatic stress state surrounding the specimen during the test. Pae and Bhateja [84] showed that the elastic modulus of polymers increases with increasing hydrostatic pressure when tensile tests are performed in a thick-walled cylindrical pressure chamber. The ratio of elastic modulus under hydrostatic pressure (EðPÞ) to the modulus at atmospheric pressure (Eð0Þ) for several amorphous polymers is Fig. 11 . Load-displacement data at the loading-unloading peak for two indentations on PMMA performed under similar loading conditions. The introduction of a hold segment (10 s) at the peak load reduces the creeping effect upon the unloading set of data (taken from Briscoe et al., [79] ).
shown in Fig. 12 . It was proposed by Birch [85] that the increase in modulus due to the presence of hydrostatic pressure is described by Eq. (13):
where Eð0Þ is the elastic modulus at atmospheric pressure, r H is the applied hydrostatic pressure, and m is the Poisson's ratio of the material. It is clear from Eq. (13) , that the pressure-dependence of the elastic modulus is greater for materials that have a lower modulus at atmospheric pressure, such as polymers. This expression was experimentally verified and shown to correctly predict the change in the tensile modulus of polymers with increasing hydrostatic pressure by Silano et al. [86] and Pae and Kook [84] . During a nanoindentation test, the stressed material below the indentation tip becomes constrained by the surrounding unstressed material, leading to a build-up of large compressive hydrostatic stress in the tested region of the substrate (Atkins and Tabor., [87] ). Therefore, it has been postulated by a number of authors that for polymers, the existence of this hydrostatic stress state could play a role in the overestimation of the indentation modulus for polymers (VanLandingham et al., [39] ; Briscoe and Sebastian [88] , 1996; Doerner and Nix, [89] ). Hardiman et al. [72] proposed a relation based on Eq. (13) that can be used to infer the indentation modulus of polymer materials, independent of the effects of subsurface hydrostatic stress fields:
where Eð0Þ is the elastic modulus of the material, E is the modulus affected by the hydrostatic stress (indentation modulus), m is the Poisson's ratio of the material, H is the indentation hardness and C is the 'constraint factor', proposed by Atkins and Tabor [87] , that relates the measured hardness to the yield strength of the material. It was shown that accounting the hydrostatic stress effects in this way lead to a 16% reduction of the indentation modulus of composite epoxy matrix material, reducing the disparity between the indentation and macroscopic moduli.
Composite material characterization
This section summarises work carried out by authors who have used the nanoindentation technique to directly measure the in situ properties of composite constituents.
Fibre characterization
A number of authors have used the high resolution of the nanoindentation technique in order to characterise the micronsized reinforcing fibre constituent commonly used in automotive and aerospace grade composite materials. Cole and Strawhecker [90] developed an experimental approach for characterising the elastic modulus and hardness of microfibers, taking into account the surface curvature and structural compliance of the samples. Indentations carried out in the fibre constituent are also complicated by the anisotropic elastic properties of some fibre materials, such as carbon and kevlar. McAllister et al. [91] made use of a previously proposed data analysis method for indentation of a transversely isotropic medium to determine the moduli of Kevlar 49 and Kevlar KM2 fibres and successfully measured the ratio of axial to radial modulus from the tests. Maurin et al. [92] used nanoindentation to determine the transverse modulus of three high modulus carbon fibres and compared the measured values with those measured using composite transverse tensile tests and micromechanics expressions. The indentation moduli were found to be greater than those determined from the transverse tensile tests and it was postulated that this discrepancy was due to the various simplifying assumptions of the micromechanical models, and the anisotropy between the compressive indentation loading and the tensile loading of the transverse tests. Sun et al. [93] also used nanoindentation to investigate the anisotropic behaviour of single carbon fibres using nanoindentation and found the axial contact modulus was twice that of the transverse modulus, while the axial hardness was only slightly larger than the transverse value, indicating that any plastic deformation of the carbon fibres can be treated as isotropic.
Matrix characterisation
The high-temperature curing process associated with composite manufacture leads to intensive thermal, mechanical and chemical processes taking place during the consolidation of the constituent phases. In particular, the complex interaction of the molten matrix phase with fibre coupling agents, which are used to promote adhesion during the cycle, likely contribute to in-situ mechanical properties that differ from those measured using bulk specimens [25] . Thus, a number of authors have used the nanoindentation technique to investigate the in situ properties of the matrix constituent. Gregory and Spearing [25] carried out nanoindentation tests on both the neat and in situ resins for two composite material systems, one with a thermoplastic matrix (PEEK) and one with a thermosetting matrix (epoxy). The results for the modulus and hardness of the bulk and in situ epoxy resin are shown in Fig. 13a , where it is clear that the in situ moduli are consistently higher than those of the bulk material, by up to 30%. Hardiman et al. [94] compared the bulk and in situ indentation moduli of a carbon-fibre epoxy composite and showed that the in-situ matrix modulus increases with decreasing matrix pocket size, and was up to 19% greater than the bulk matrix, as shown in Fig. 13b . Similar changes of the in situ matrix properties have also been measured in non-polymer matrix composites. Rodríguez et al. [36] investigated the properties of an aluminium metal matrix reinforced with 15 vol% SiC particles using nanoindentation. Once the results had been corrected for pile-up, it was found that the hardness of the in situ matrix was higher than that of the unreinforced alloy, while the values increased slightly as the distance to the nearest reinforcement was decreased. However, the in situ matrix properties are not always larger than the corresponding bulk material properties. Guicciardi et al. [95] compared the indentation properties of particle-reinforced ceramic composites and showed that, depending on the constituents used, the properties can be lower, higher or the same as the material in its bulk form. Attempts have also been made to characterise the pressure-sensitive plastic behaviour of in situ polymer matrix material using inverse approaches. Rodríguez et al. [96] developed a methodology to extract the elastic modulus, compressive yield strength and friction angle of cohesive-frictional materials from a nanoindentation test based on functions derived from inverse finite element modelling. This methodology can then be applied to experimental data, and the determined properties fed directly into micromechanical simulations of the composite failure process. Canal et al. [97] used this methodology to determine the constituent properties for a micromechanical model of notched beam specimen failure, while Naya et al. [98] used the methodology to determine the effect of environmental conditions, such as temperature and humidly, on the in situ constituent properties. The environmentally degraded properties were then used in micromechanical simulations to determine the effect of environmental conditions on the composite failure envelopes, and showed good agreement with experimental results.
While sharp indentation methods have proven useful in characterising the in situ matrix materials of composite materials, it is clear there remains some ambiguity when comparing indentation properties to macroscopic properties due to uncertainties relating to the indentation contact area, the effects of time-dependent deformation and the complex stress state surrounding the sharp tip. Recently, micropillar testing has emerged as an alternative to sharp indentation at small scales due to the development of high precision shaping techniques, such as the Focused ion beam (FIB), and the high displacement resolution of current nanoindentation equipment. The technique involves carving micropillars of material in a sample, which are later compressed with a flat punch nanoindenter tip, and mechanical properties inferred from the recorded stress-strain data. The technique has recently been used to characterise a range of different materials [99] [100] [101] [102] , and has been recently proposed as a method of determining the properties of in situ matrix pockets by Naya et al. [103] . An interesting comparison could be made between the material properties determined from micropillar compression tests and those determined from direct and indirect nanoindentation analysis methods, which could serve to verify the currently employed nanoindentation analysis strategies.
Interphase characterisation
The nanoindentation technique has also been used to determine the properties of the 'interphase' region, a phase located between the fibre and matrix constituents formed during curing which has properties which differ to those of either constituent. A number of authors have carried out shallow grid indentations leading from one constituent to the other in an attempt to measure the properties and thickness of this region. Kim et al. [104] carried out grid nanoindentation across a glass-fibre/vinylester composite interface. The resulting load displacement curves for the fibre, matrix and interphase regions are shown in Fig. 14a , while the variation of the indentation modulus across the fibre-matrix interface is shown in Fig. 14b . It was concluded that the interphase thickness was approximately equal to 1 mm, where the measured properties were intermediate between that of the fibre and matrix constituents. Khanna et al. [105] attempted to determine the properties of the interphase region of a glass-fibre/polyester composite using an Atomic Force Microscope (AFM) as an indentation device. The resulting interphase thickness was approximately 4 mm, with the measured modulus being higher or lower than the matrix modulus, depending on the fibre treatments applied pre-cure. Hodzic et al. [106, 107] investigated the effect of water-aging on the interphase properties of glass-fibre/phenolic and glass-fibre/polyester composites and detected an increase in the interphase thickness with increased exposure to water. While the widths of the interphase for glass-fibre reinforced materials have been in the order of microns, the size of the interphase for a carbon-fibre epoxy composite was determined by Wu et al. [108] using Transmission Electron Microscopy (TEM) to be approximately 200 nm for a 7 mm diameter fibre. While the existence and size of the 'interphase' region has been confirmed, quantitative mechanical characterisation of the sub-micron sized region by indentation methods remains a challenge. Difficulties arise due to the surface topography which exists following the grinding and polishing sample preparation of composite materials. It has been shown by Khanna et al. [109] and Hardiman et al. [110] that significant relief is present between the fibre and matrix constituents following sample (a) (b) preparation due to large difference in surface removal rates of each constituent. Scanning probe micrographs of the resulting fibrematrix relief are shown in Fig. 15a and b for glass and carbon fibre reinforced composite material systems, respectively. In order to determine reliable quantitative material properties from nanoindentation testing, independent of bias or scatter due to factors such as tip blunting, surface roughness and size-scale effects, relatively deep indentation depths are required (>50 nm). Therefore, given that the reported interphases widths for carbon-fibre composites are in the order of just a few hundred nanometres, contact between the indenter tip and the fibres is likely when indentations of this depth are carried out into the regions of matrix surrounding the fibres. Thus, the measured fibre-matrix relief following surface preparation, combined with the effects of the sub-surface fibreconstraint described in Section 5 suggest an inherent difficulty when attempting to quantitatively determine the interphase properties of CFRP materials experimentally using nanoindentation. The fibre constraint effect is analogous to the substrate effect which is predominant during the indentation of thin film materials [111] , where inverse finite element strategies have proven useful in extracting the film properties when substrate effects were prevalent. Knapp et al. [112] used simulations of a thin film indentation to correct for the substrate effect. The known properties of the substrate and the indenter materials were fixed, while a series of simulations were performed varying the properties of the thin film material. The results were then linearly interpolated to predict the 'best fit' properties which produced force and stiffness responses that fit the experimental result. Recently, similar approaches have been used by Wang et al. [113] and Zheng et al. [114] . A similar approach could potentially be used to determine the properties of the interphase region in CFRP materials, where fibre bias effects are unavoidable.
In an effort to avoid constraint effects entirely, a number of authors have turned to extremely low depth mechanical property mapping to characterise the interphase region. Gu et al. [115] characterised the interphase of a carbon-fibre epoxy composite using dynamic mechanical property mapping. A Berkovich indenter was scanned across the surface with a constant normal load of 2 mN and a superimposed dynamic force of 1 mN at 200 Hz, to produce the storage modulus results shown in Fig. 16 . While accurate quantitative characterisation is difficult using this technique due to the extremely low loads employed, modulus mapping techniques Fig. 15 . Scanning probe microscopy images of (a) GFRP (taken from Khanna et al. [109] ) and (b) CFRP (taken from Hardiman [110] ) following sample grinding and polishing. show promise for future indentation studies on composite microstructures if sharp tip geometries and low depths are employed. As the resulting indentation depths from such studies are in the order of a few nanometres, Molecular Dynamics (MD) simulations of the nanoindentation process, similar to those carried out by Verkhovtsev et al. [116] and Goel et al. [117] , could be used to analyse the experimental data as an alternative to using the nanoindentation theory or continuum based finite element methods. MD simulations would also provide a novel insight into the effects of fibre constraint and hydrostatic stress on shallow interphase region indentations, at the molecular level.
Concluding remarks
In this paper, an overview of key developments and main issues pertaining to the application of the nanoindentation technique to carbon fibre reinforced plastic composite materials is presented. The deformation and final failure mechanisms at the macroscale are intrinsically linked to the microscale properties of the composite constituents, which has led to the development of micromechanical experimentation techniques to accurately deduce in situ microscale properties. Nanoindentation has emerged as a useful technique capable of determining the in situ constituent properties of composite materials. However, a number of the underlying assumptions used to calculate the material properties are invalidated when the technique it applied to polymer matrix composite materials. The literature presented highlights how fibre constraint can have a significant effect on indentations carried out in the matrix pockets and interphase regions of high fibre volume fraction composite materials. Other works highlight how thermal residual stress can add bias or skew nanoindentation results depending on the location of the indentation relative to the surrounding fibre distribution. Moreover, the characterisation of polymeric materials, which are the most commonly used materials for composite matrices, using static and dynamic nanoindentation testing protocols has proven problematic leading to an overestimation of the sample's elastic stiffness in many cases. There currently exists a clear requirement for standardisation of nanoindentation protocols applied to composite and polymeric materials. Details such as sample surface preparation methods, resulting surface roughness and fibre-matrix relief can have a significant effect on nanoindentation studies of composite materials and, thus, should be reported in detail. The indentation depths and distance to nearby constituent interfaces should also be reported with rationale provided in relation to any expected stiffening or compliance provided by neighbouring constituents. The development of polymeric calibration samples and surface find criteria would also lead to less ambiguity in the determination of contact area for these materials. Nanoindentation studies in the field of composite materials will continue to be driven by the demands of composite micromechanical simulations for quantitatively accurate in situ constituent and interface properties. There is a clear requirement for more multiscale experimental verification of the properties determined using microscale experimentation, similar to work carried out by Canal et al. [97] and Naya et al. [98] , in order to fully understand the link between the microscale deformation process and macroscopic strength predictions of composite parts and structures.
